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Thermoplastic elastomers (TPEs) are known to exhibit a phase-separated morphology, which
depends on their chemical structure and processing. The design of novel TPEs with predefined
properties which are also independent of the material thermal history has so far remained a
challenge. The focus of this work is on the semicrystalline morphology of all-aliphatic
thermoplastic elastomers consisting of alternating polytetrahydrofuran (PTHF) segments and
uniform glycine or B-alanine bisoxalamide units. The thickness of the hard-segment crystals was
found to be highly monodisperse and independent of the sample thermal history. Using
Nanocalorimetry we observed that at cooling rates as high as 12000 °C-s” the bisoxalamide
segments can still crystallize although the crystallization temperature decreases by ca. 26 °C. The
surface free energy of the hard-block crystals is found to be extremely low (~18 erg/cm?), which
is likely due to the entropic contribution of soft segments forming tie chains bridging the
neighbouring crystals. To investigate the combined effect of crystal orientation and phase
transitions simultaneous time-resolved X-ray scattering and mechanical tensile tests were
performed. Upon stretching, elastomeric PTHF segments with lengths above 1000 g'mol”
crystallize at ambient temperatures. Under these conditions two main morphologies were
observed: at low strains the long axes of the fibril-like crystals were oriented parallel to the flow
direction, whereas higher strains caused bisoxalamide crystal fragmentation and changed their
preferential direction to the one perpendicular to the drawing direction. The chain tilts in the
bisoxalamide crystals were calculated from the characteristic four-spot SAXS patterns and were

~5 to 16° in case of glycine end groups and 24° for alanine and propyl terminal groups. To our
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knowledge this is the first work to determine the chain tilt for non-lamellar crystals in the block

copolymers.
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INTRODUCTION

Recent advances in the design of thermoplastic elastomers stimulated further research into
their structure and morphology.'” At service temperatures these materials typically exhibit a
phase-separated morphology which depends on the chemical structure, weight fractions and
polydispersity of the soft and hard blocks, as well as on preparation conditions such as the
sample thermal history. The segmented block copolymers with uniform hard units constitute a
special type of TPEs showing fast and nearly complete crystallization. Their morphology is
characterized by ribbon-like crystals immersed in a soft-segment matrix.>* Analysis of the
thickness of the hard-block crystals is typically based on either DSC data (indirect analysis) or
on qualitative analysis of AFM images.*”* Monodisperse crystals of semicrystalline polymers
are rare and only few observations were reported to date.”"°

Processing conditions are known to affect crystallinity of thermoplastic elastomers. For
example, change in the crystallization temperature during cooling from the polymer melt and
structural defects of different nature typically result in crystal size polydispersity.''™ Physical
properties of semicrystalline polymers are strongly dependent on crystallinity and therefore
processing conditions.'*'"> The design of novel TPEs with predefined properties which are also
independent of the processing conditions is an important challenge.

Apart from a uniform crystal thickness, structural development during mechanical deformation
is also important in the performance of segmented block copolymers. IR spectroscopy studies
reveal two main stages in morphological reorganization of copolymers in response to mechanical
deformation.>® At low drawing ratios, below the yield point the hard segment chains in the
crystals are preferentially oriented perpendicular to the drawing direction. Above the yield point,

crystal fragmentation occurs and the hard segments in the crystals reorient along the stretching
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axis. Small-Angle X-ray Scattering (SAXS) studies showed that at large deformations the broken
lamellae transform into highly stressed nanofibrils consisting of alternating hard and soft
segments.'®!” For some stretched TPEs the four-spot SAXS patterns were recorded. The
phenomena was attributed to the formation of a tilted hard-segment morphology and high aspect
ratio of the crystals.'®™'® In contrast, for polyolefins like polyethylene (PE) the four-spot SAXS
signal was assigned to the tilted-chain morphology in the folded lamellar crystals.'*?° The chain
tilt angle @, reflects the inclination of the polymer chains with respect to the basal crystal surface
normal. Originally, the tilt angle was suggested by Peterlin er al."® from the difference in the long
periods for the drawn PE. Later the @, value in single crystal mats was confirmed by X-ray and
electron diffraction experiments.>"** More recently, an accurate value of 35° for the chain tilt in
the bulk PE was measured by our group using microfocus X-ray scattering on bulk samples
containing banded spherulites.”> To our knowledge, the chain tilt in the crystals of phase-
separated block copolymers has not yet been reported. The hard block in the TPEs with uniform
hard segments is highly crystalline, with the degree of crystallinity approaching 100%. In
contrast to the above, its weight content in the copolymers typically does not exceed 25%. Such
low weight fraction limits classical structural methods generally used for semicrystalline
homopolymers."

In this report, we describe a polymer system for which the crystalline morphology can be
defined entirely by the primary chemical sequence. We combined optical microscopy, electron
diffraction, in-situ stretching and X-ray scattering, temperature-dependent SAXS/WAXS, and
Nanocalorimetry measurements to study crystal morphology and crystallization, deformation
behaviour, crystal orientation, and phase transitions of hard and soft segments in the segmented

block copolymers of poly(ether ester amide)s (PEEA)s.
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EXPERIMENTAL SECTION

Samples. Segmented poly(ether ester amide)s (illustrated in Scheme 1) comprising glycine- or
B-alanine- extended bisoxalamide hard segments PTHFgp-Gly-OXA,2-Gly (1000Gly2),
PTHF 1900-Gly-OXA,4-Gly (1000Gly4), PTHF000-Gly-OXA,6-Gly (1000Gly6), PTHF40o-Gly-
OXA,6-Gly (2000Gly6), PTHF,900-Gly-OXA,6-Gly (2900Gly6), PTHF(p-fAla-OXA,6-BAla
(1000A1a6) and PTHF;;0-OXA,6 (11000xa6) were prepared as reported previously.*** The
transparent elastic solid films were prepared by quenching a polymer melt in ice or by non-

isothermal melt crystallization using a cooling rate of 5 °C-min™".
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P =2, q = 1 PTHF 1405-Gly-OXA,4-Gly (1000Gly4)

p =3, g =1 PTHF40-Gly-OXA,6-Gly (1000Gly6)

p =3, g =1 PTHF5440-Gly-OXA,6-Gly (2000Gly6)

p = 3, q = 1 PTHF 590-Gly-OXA,6-Gly (2900Gly6)
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p = 3, q = 0 PTHF449-OXA,6 (11000xa6)

Scheme 1. Chemical structures of the studied segmented block copolymers. p is the number of
ethylene groups between oxalamide units and ¢ corresponds to the number of carbon atoms

between oxalamide and ester groups.
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Polarized optical microscopy (POM). POM observations in transmission mode were carried
out using an Olympus BX51 microscope equipped with a digital colour camera (Olympus
DP70).

Wide- and Small-Angle X-ray Scattering (WAXS and SAXS). The experiments were
conducted on the BM26 beamline of the ESRF (Grenoble, France) using a wavelength of 1.04 A.
The experimental setup comprised 2D detectors (a FReLoN for WAXS and a Pilatus 1M for
SAXS). The sample-to-detector distances were chosen to allow recording the signal in the s-
range (s=2sinf/A, where 0 is the Bragg angle) from 0.01 to 0.5 A™'. The modulus of the scattering
vector s was calibrated using several diffraction orders of silver behenate. The diffraction
patterns were collected in transmission geometry. The data reduction and analysis, including
geometrical and background correction, visualization, radial and azimuthal integration of the 2D
diffractograms, were performed using custom-made routines designed in Igor Pro (Wavemetrics
Ltd.).

The crystal thickness L, was calculated by fitting the form-factor present in the SAXS curves

using the following expression:

. 2
I(s)oc A+ E;(sm(ﬂch)J
s"\ (msL,) (1)
The crystal size was estimated from 1D WAXS profiles using the Scherrer’s formula:
_0.944
" Acos @ 2)

Temperature-dependent X-ray measurements were performed using a Linkam heating stage
with a temperature precision of 0.1 °C. The films used in stretching experiments were cut from

compression-moulded bars (3x10x]1 mm®). The stress-strain tests were conducted using the
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Linkam TST 350 tensile stage equipped with the tensile sensor from 0.01 to 20 N. The
deformation rate was 10 pm-s™.

Selected-Area Electron Diffraction (SAED). The experiments were carried out with a Philips
CM200 transmission electron microscope operated at 200 keV. Calibration of the electron
diffraction patterns was performed using graphite. The bisoxalamide-based monomer crystals
were prepared by precipitation from toluene on glass slides. After the solvent evaporation, the
films were floated off in a 1% wt hydrofluoric acid solution. The samples were subsequently
transferred onto gold 400-mesh TEM-grids.

Nanocalorimetry. Thermal analysis was performed using a custom-built Nanocalorimeter
based on an instrument described previously.”>?® Polymer samples were cut out from a film
precipitated from a 1% wt solution in chloroform, whereas particles of the corresponding
monomers were used without additional purification. All samples were deposited with a
micromanipulator on thin suspended silicon nitride membranes of a chip-based sensor XEN-
39392 (Xensor Integration, Netherlands) with integrated resistive heaters and thermopiles. Figure
S1 in Supporting Information shows a typical sample positioned on the sensor. A custom-built
electronic interface was used to apply programmed voltage pulses to the heaters in order to
generate heating and cooling ramps with controlled rates. The temperature of the sample was
obtained from the voltage of the thermopiles assembled on the sensor. The linear cooling rates
used in the experiments were 12800, 6400, 3200, 1600, 800, 400 and 50 °C-s™!. The calorimetric
curves measured at different cooling rates have been corrected for the time delays associated
with each cooling rate. For this purpose, an In micro-particle was ramped in the same conditions

and the temperature onset of the crystallization peak was recorded.

RESULTS AND DISCUSSION
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Structure of the monomers forming the copolymer hard-block

To get insights into the crystalline structure of the hard segments in poly(ether ester amide)s
the Gly-OXA,6-Gly monomer having bisoxalamide moieties separated by an alkyl spacer of six
methylene units and capped with glycine terminal groups was examined by optical microscopy,
X-ray and electron diffraction.

A typical polarized optical micrograph of the monomer shows a strongly birefringent texture
suggesting high crystallinity of the material (Figure 1a). The obtained single crystals for SAED
experiments have a pronounced needle-like shape and show preferential growth direction (Figure
1b). The latter is due to the strong intermolecular like-to-like amide-amide hydrogen bonds,
which, according to the FT-IR measurements, are formed between the oxalamide groups.'® The
corresponding electron diffraction (ED) pattern is illustrated in Figure lc. The observed
diffraction peaks belong to the [0-21] diffraction zone. These diffraction peaks correspond to a
monoclinic unit cell with the following parameters: @ = 5.09 A, b = 10.88 A, ¢ =27.73 A and
=79.6°. The measured and calculated d-spacing values extracted from EDs are summarized in
Table 1. The peak indices obey the following extinction rules: (Okl) k=2n, (hkl) h+k=2n and
(0k0) h,k=2n, which are compatible with the C2 symmetry group. The inter-chain distance along
the H-bonds direction derived from the diffraction patterns corresponds to the one known for
Nylon 6,2.%7 The ac-projection of the Gly-Oxa,6-Gly monomer crystal is shown in Figure 1d.
The unit cell contains 2 molecules. The adjacent molecules form H-bonded sheets in the ac-
plane. Importantly, the interplanar spacing values obtained from the X-ray measurements of

monomer fiber can be indexed using the data derived from ED analysis (Table S1).
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Figure 1. Structure of the Gly-Oxa,6-Gly monomer. POM micrographs of the monomer
crystallized between glass cover slips (a) and needle-like crystals deposited on a TEM grid (b).
Electron diffraction pattern corresponding to the [0-21] zone and matching TEM-image in
correct orientation on the inset (¢). Schematic model of the Gly-Oxa,6-Gly crystal (d). The H-

bonds are displayed with dotted lines.
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Previously, we showed using Raman spectroscopy and X-ray diffraction that the H-

bonding direction in the bisoxalamide based monomer is parallel to the a-axis of the crystal.*

Therefore the indexation of lattice planes was performed assuming that the needle growth axis

(H-bond direction) corresponds to the crystallographic a* direction (see Figure 1lc,d). The

presence of one preferential growth direction is in line with the reported structure of

polyoxalamides. Indeed, polyoxalamides with an even number of carbon atoms between the

oxalamide groups adopt structures with only one hydrogen bonding direction, whereas the ones

with odd spacers exhibit two growth directions of the hydrogen bonds.

27-29

Table 1. Measured and calculated d-spacings (A) extracted from Selected-Area Electron

Diffraction measurements on needle-like crystals of the Gly-Oxa,6-Gly monomer.

dCXps A dcaICa A

Lattice

10
12

LW LW W LW NN NN N = = OO O
LW = = WD DO N RN N W= =L RN

4.25
2.13
1.43
2.35
4.12
4.5
2.62
1.67
1.3
1.72
2.27
2.51
2.05
1.37
1.59
1.67
1.52

4.25
2.13
1.42
2.36
4.12
4.54
2.60
1.67
1.30
1.72
2.27
2.50
2.06
1.37
1.60
1.67
1.51

Monoclinic; C2
N13, c-unique
Conditions:
(0kl) k=2n
(hkl) h+k=2n
(0k0) h,k=2n
parameters:
a=5.09 A
b=10.88 A
c=27.73 A
B=79.6°
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Figure 2. In-situ WAXS-stretching experiment of poly(ether ester amide). 2D-WAXS patterns
measured during deformation of copolymer 2900Gly6 (a-e). Stress-strain curve for sample
2900Gly6 (f). The inset in the same panel shows a magnified four-spot SAXS pattern
corresponding to a strain of 400%. The peaks pertinent to the hard and soft segment crystals are

marked with subscripts “HS” and “SS”, respectively. The stretching direction is vertical.
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Deformation behaviour of poly(ether ester amide)s.

The structure evolution of segmented PEEAs during tensile deformation was studied using in-
situ X-ray diffraction. Copolymer film samples were drawn at a constant deformation rate of 10
um-s™ and 2D X-ray patterns were recorded simultaneously. Figure 2 shows selected 2D-WAXS
patterns for sample 2900Gly6. At zero deformation the polymer displays isotropic patterns with
a strong amorphous halo at about 4.4 A (Figure 2a), which comes from the amorphous soft
block. No traces of the soft block crystals are seen likely because PTHF is not long enough to
form stable crystalline nuclei at room temperature. The reflections from the hard segment
crystals are largely absent from the diffractograms of copolymer, which is in agreement with our
previous results obtained for non-stretched samples.”* Only two reflections of the bisoxalamide
crystals located at 2.48 and 2.30 A (200 and 220 peaks, respectively) could be detected (Figure
2a). The characteristic feature in the small-angle region can be attributed to the form-factor (FF)
generated by the bisoxalamide crystals due to their uniform thickness (Figure 2a). This feature
will be described in detail in the following.

At the beginning of a tensile experiment, the non-stretched sample shows isotropic small-angle
scattering (Figure 2a), which is ascribed to the random orientation of the hard-segment crystals
immersed in the soft block matrix. A schematic model of the non-stretched polymer morphology
is illustrated in Figure 3a. At a strain of 50% a faint anisotropy can be seen in the intensity
distribution of the Gly-Oxa,6-Gly crystalline peaks and in the PTHF amorphous halo (see Figure
2b). The 200 reflection corresponding to the H-bonds direction exhibits pronounced arcing on
the meridian indicating that the hydrogen-bonded sheets become parallel to the elongation

direction. Such appearance is typical for orientation of high-aspect-ratio objects in a flow. The

13
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reorganisation of the fibril-like hard block crystals during uniaxial stretching is outlined in
Figure 3b. Similar orientation of high-aspect-ratio crystals at the initial stages of deformation
(below the yield point) was detected previously using IR spectroscopy by Niesten® and
Versteegen®. The yield point depends on the content and nature of the copolymer segments and is
about 100% for copolymer 2900Gly6 with PTHF length 2900 g-mol™ (see Figure 2f). Above the
yield point at a strain of 200% sharp crystalline peaks corresponding to the PTHF crystals
(reflections 020 and 110) appear on the equator (Figure 2¢). The diffraction pattern also shows a
diffuse layer line with /=5. These features are a signature of the strain-induced crystallization of
the soft block.>'*"® Moreover, at the same stage the FF ripple stabilizes on the meridional
direction (cf. Figure 2c) indicating that the long axes of the hard-segment crystals become
largely oriented perpendicular to the direction of drawing. Upon increasing the strain to 400%
more crystalline reflections of the PTHF block become visible and their relative intensity
increases (Fig. 2d-e). These crystalline peaks are indexed using monoclinic unit cell of the PTHF
with the following lattice parameters: a=5.61A, b=8.92A, ¢=12.25A and P=134.3°>" The

experimental and calculated d-spacings of the PTHF lattice are given in Table S2.

]
Ui

i

Figure 3. Schematic model of structural changes in PEEAs with uniform hard segments during

Low strain
—

\\\\\\\5\

—
draw direction

uniaxial deformation. The non-stretched structure (a); the structure formed below the yield point

(b); the structure formed above the yield point (¢). The following morphological features are

14
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highlighted: 1 - hard block segment; 2 - hard block crystal; 3 - soft block segment; 4 - soft block

crystal; 5 - chain tilt angle @..

At high deformations (up to 450%) the 200 and 220 reflections of the hard block crystals are
typically very weak compared to the PTHF reflections, this makes them almost unobservable in
the diffractograms. However, on heating the oriented films above the melting temperature of the
PTHF crystals the 200 and 220 crystalline reflections of the bisoxalamide segments become
more prominent. For this reason, accurate determination of the bisoxalamide chain orientation
was conducted at elevated temperature. This is exemplified in Figure 4 for copolymer 2900Gly6,
which was first stretched to 200% and then heated to 80°C, a temperature chosen to ensure the
PTHF crystals melting.® The hard-segment 200 and 220 reflections are located on the equator
indicating that the bisoxalamide crystal stems are preferentially oriented along the stretching
direction (Figure 4a). This is supported by the presence of the strong FF signal positioned

approximately on the meridian (Figures 2c-e and Figure 4a).

b) 5.0 T 1 T 1

45

I, a.u.

4.0

3.5 i 4 ] i
0.36 0.40 0.44
s, A

Figure 4. Detection of the hard-block crystals in stretched poly(ether ester amide)s 2900Gly6

above melting temperature of the soft-block. 2D-WAXS pattern of 2900Gly6 stretched to 200%

15
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deformation and heated to 80 °C (a) and corresponding equatorial section showing two peaks

corresponding to the hard segment crystals (b).

A highly oriented PEEA microstructure is depicted in Figure 3c, which shows two types of
non-folded crystals formed by the PTHF and bisoxalamide segments connected by taut PTHF
chains. For both crystal populations the stems are oriented along the direction of drawing.
Beyond the yield point, a different deformation mechanism sets in resulting in fragmentation of
the hard-block crystals and leading to a drastic change in their orientation. Such phenomenon
was observed previously using only spectroscopic measurements for co-poly(ether-urea)s® and
segmented copolymer with uniform aromatic untis®. In this work we examined the orientation of
the hard segment crystals using simultaneous SAXS/WAXS/tensile measurements for the first
time. This approach to the analysis of structural changes in PEEAs was viable due to both the
crystalline reflections in the wide-angle region and the FF signal in the small-angle region
pertinent to the bisoxalamide crystals. The hard segment crystals act as physical cross-links
between the soft-block chains ensuring mechanical properties of the material at high
temperature, this is also corroborated by the reflections from the bisoxalamide crystals (Figure

4b).

Crystal structure of the stretched poly(ether ester amide)s.

Comparing the highly oriented morphologies of the PEEAs with different PTHF lengths might
help to better understand the role of the soft segments in the structure formation of TPEs. We
therefore compared the 2D WAXS patterns of the stretched PEEA films with 1000, 2000 and

2900 g'mol™ soft segments containing the Gly-Oxa,6-Gly monomer (Figures 5b-d). For PEEAs

16
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1000Gly6 and 2000Gly6 with short PTHF blocks of 1000 and 2000 respectively, the reflections
of the hard-segment crystals are visible on the diffractograms of oriented samples even at room
temperature. The peaks corresponding to the bisoxalamide unit cell can be clearly seen on the
equator at 200 and 220 (Figures 5b-c). In the extruded bisoxalamide monomer fibers both peaks
are positioned on the meridian having a significant azimuthal spread (Figure 5a). The difference
in orientation of hard-segment crystals and monomer crystals is likely because of the different
mechanisms of the molecular orientation during extrusion. For the polymers stretched to high
strains, the H-bonds (a-axis) in the hard-block crystals are oriented perpendicular to the drawing
direction. Such orientation is opposite to that of the extruded monomer fibers for which the beta-
sheets are oriented along the extrusion direction (the fiber axis direction indicated in Figure 5a).

6,31

This is probably because the hydrogen bonds are already present in the melt™”" resulting in fast

formation of the H-bonded sheets during the extrusion process.

17
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Figure 5. Crystal structure of the stretched poly(ether ester amide)s. 2D-WAXS patterns
corresponding to oriented monomer fiber Gly-Oxa,6-Gly (a) and to the corresponding PEEA
films with 1000, 2000 and 2900 soft segment lengths (panels b, ¢ and d, respectively). For 2D
patterns (b-d) the stretching direction is vertical. The peaks of the hard segment crystals are

marked with subscripts “HS”.

We conducted temperature-dependent SAXS/WAXS measurements to evaluate differences in

the crystallization of soft-block in isotropic and oriented copolymers. The heating ramps for

sample 2900Gly6 are shown in Figure 6. The melting temperature 7y, of the soft block was

monitored by measuring the intensity of the strongest 020 and 110 peaks of PTHF crystals

18
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(Figure 6a-b). The stretched copolymers consistently showed markedly elevated melting
temperatures compared to the isotropic material, which is attributed to the stress induced
crystallization of the soft segments. For example, the melting temperature increases from -16 to
40 °C for 2000Gly6 and from 3 to 65 °C in case of 2900Gly6 (Table 2). In the previous studies
of the pre-strained TOT-PTHF copolymer with the same soft block lengths a similar but smaller
strain effect was detected using conventional DSC® . This difference can be attributed to partial

relaxation of the polymer chains after the strain was released.

600

400

Figure 6. Temperature-dependent SAXS/WAXS measurements for PEEA 2900Gly6. The
scattering patterns measured during a heating ramp at 5 °C/min for the isotropic (a) and oriented
(b) copolymers. Magnified SAXS region of the scattering curves in (a) centered on the maximum
of the FF (c). The 2D diftractograms were reduced to 1D form using integration within a sector

of 5° around the equator for both the isotropic and oriented samples.

Table 2. Characteristics of the PTHF soft segment crystals.

ISOTROPIC ORIENTED
Sample
Tlm °C Tlm °C Lc (1 1'5) *: A
2000Gly6 -16 40 28

19
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2900Gly6 3 65 54

*crystal thickness values were obtained from the line broadening
analysis performed on the 11-5 crystalline reflection

Superposition of the strongest equatorial reflexes with the amorphous halo rules out using 020
and 110 reflexes for determining the PTHF crystal thickness. We have therefore measured the
width of the 11-5 peak, which is positioned close to the drawing direction in the diffractograms.
The crystal thickness L. values for the isotropic and oriented copolymers 2000Gly6 and
2900Gly®6 are listed in Table 2.

The oriented sample 1000Gly6 with the shortest PTHF segment (1000 g-mol™) shows only a
single equatorial reflection and several diffuse layer lines on the meridian related to a largely
disordered chain conformation (Figure 5b). A longer PTHF block with 2000 g‘rnol'1 (2000Gly6)
crystallizes upon drawing, which resulted in the increase of stress at break by 26% from 22.2 to
28.0 MPa. The stress at break values for the PEEAs samples studied here, were reported
previously.** For the longer soft block length, i.e. 2900 g-mol™ (2900Gly6) the crystal thickness
calculated using the Scherrer formula for the 11-5 reflection, increased two fold (from 28 to 54
A). Such increase may account for an additional increase of stress at break by 22% for 2900Gly6
in respect to 2000Gly6.

Although the cross-links formed by soft segment crystals may account for the differences in
stress at break of the studied polymers, the broad temperature-independent plateau and the
Young’s modulus in the range of 139 — 170 MPa®* are mainly determined by the cross-links

associated with the hard-segment crystals.**

PEEA copolymer morphology and its dependence on the sample thermal history.

20
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We employed small-angle X-ray scattering analysis to estimate the size of the fibril-like
crystals. The 1D SAXS profiles of the isotropic PEEAs 1000Gly6, 2000Gly6 and 2900Gly6
comprising the Gly-Oxa,6-Gly monomer are shown in Figure 7a. The crystal thickness L. values
were calculated from the positions of the form-factor ripple. The FF intensity decreases
considerably with increase of the hard-block content from 10.5 to 25.4% by weight. Moreover,
the form factor shows the same spacing of 24A as seen from Table 3 for the different soft
segment lengths. This shows that crystal thickness is independent of the soft segment. The exact
values of crystal thicknesses are slightly smaller than the projection of the c-parameter on the
b*c*-plane (c'sinf) of the corresponding monomer (the inter-layer spacing in the monomer
crystals equals 27.3 A). The difference of 3.3 A can be accounted for by the exchange of the
terminal methyl group by the soft PTHF segment during the melt esterification process.>* Table 3
lists crystal thickness L., long spacing Lg and amorphous layer thickness L, values for all the
samples studied.

Interestingly, for the stretched films, the position of the form-factor ripple shifts to lower
angles (Figure 7a and b) indicating that the thickness of the hard block crystals increases along
with the improvement of their orientation (Table 3). Given that bisoxalamide crystals are not
lamellar, such thickening can be explained by simple “elongation” under the external load,
possibly due to the alkyl chains between the oxalamide units adopting a more strained
conformation. The latter is supported by the fact that elongation depends on the spacer length p
and is independent of the soft block length. The strong intensity and the well-defined shape of
the FF seen in 1D SAXS curves clearly indicates that the crystal thickness distribution is

monodisperse and therefore depends solely on the primary chemical sequence of the copolymers.
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Figure 7. Poly(ether ester amide)s copolymer morphology. SAXS profiles of isotropic (a) and

oriented (b) PEEA films. Lorenz-corrected 1D SAXS curves for quenched (dashed line) and

slowly cooled (solid line) sample 3a (c).

Table 3. Long spacing (Lg), crystal thickness (L) and amorphous layer thickness (L,) of

isotropic and oriented poly(ether ester amide)s.

Sample ISOTROPIC ORIENTED
Lg. A L., A L,A Lp, L, A L,A ®.°
1000Gly2  49.8 143 355 50. 163 34.6 ~5
1000Gly4 526 174 352 47. 19.1 28.6 ~5
1000Gly6  57.5 24.0 335 57. 27.7 29.6 ~5
2000Gly6 714 240 474 63. 26.8 363 10
2900Gly6  79.0 24.0 55.0 78. 26.8 51.6 16
1000Ala6  73.0 229 50.1 50. 23,5 269 24
11000xa6  75.7 16.5 59.2 57. 18.4 393 24

To investigate whether crystal thickness is dependent on the thermal history of the copolymers,

we prepared a series of PEEAs samples and subjected them to different thermal treatments.

Figure 7c illustrates typical 1D SAXS profiles obtained from quenched and slowly-cooled

ACS Paragon Plus Environment
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isotropic PEEA (1000Gly6). The recorded long spacing values Lp are different due to the
changes in the microphase separated morphology, whilst the crystal thickness L. does not vary.
The Lg and L. values for all such samples are reported in Table 4. All the FF comes from the
oxalamide crystals and there is no contribution from PTHF crystals, as is evidenced by the
heating ramp experiment illustrated in Figure 6 (panels a,c) where the FF values for the hard
block are recorded above the melting temperature of the soft block crystals. No SAXS signal is
visible in Figure 6b for the heating measurement of the oriented sample due to the fact that the
SAXS peaks inclined by 16° with respect to the meridian, which excluded them from the angular
sector used for the 2D-to-1D data reduction.

To investigate the rate of polymer crystallisation we used fast Nanocalorimety technique.
Nanogram-sized samples were heated above the melting temperature and then cooled at various
rates. The Nanocalorimetry curves obtained are reported in Figure S2. The onset of the
crystallization temperatures versus the cooling rates are plotted in Figure 8 for Gly-Oxa,2-Gly
monomer and polymer 1000Gly2 which incorporates Gly-Oxa,2-Gly as the hard segment. The
crystallization temperature onset for the slowest cooling rate of 20 °C-min™" (0.33 °C-s’1) was
measured by conventional DSC as reported previously.”* The crystallization temperature for the
monomer was independent on the cooling rate, whereas the same treatment regime resulted in a
26 °C decrease in the crystallization temperature for the corresponding copolymer. For
comparison, in the case of homopolymers such as isotactic polypropylene (iPP) the
crystallization process is bypassed by formation of the so-called smectic mesophase at cooling
rates higher than 160 °C-s™.* As far as polyamides are concerned, a complete vitrification of
polyamide-6 was reached for cooling rate above 150 °C-s™.** This shows that the crystallization

process in the studied segmented copolymers is extremely fast. One of the possible explanations
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can be the existence of the H-bonds in the polymer melt, which was observed previously for the

segmented copolymers with uniform aramid and tetra-amide units.®**

T T T | T 1 ! | ! ]
- O =~ — — - _ > - __ * _o-0- s-e-o ’
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Figure 8. Crystallization temperature onset versus cooling rate for Gly-Oxa,2-Gly monomer and
polymer 1000Gly2. Horizontal axis shows crystallization temperature onset and vertical axis

indicates logarithm of cooling rate .

Table 4. Long spacing (Lg) and crystal thickness (L) for slowly-cooled down and quenched

isotropic samples of segmented poly(ether ester amide)s.

Ls, A L., A
Sample
1000Gly2 53.3 46.7 14.1 14.0
1000Gly6 65.3 57.0  24.0 23.1
2900Gly6 83.3 75.0 224 22.3
1000Al1a6 77.8 59.9 214 20.6
11000xa6 83.9 80.5 15.9 15.7
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*slowly cooled to RT at a cooling rate of 5 °C-min™';

**quenched to ice water.

Chain tilt in the bisoxalamide crystals.

To better understand the chain packing in the hard-segment crystals we first determined the
form-factor position on the relevant SAXS patterns. The observed form-factor is not strictly
meridional but is split into a clearly pronounced four-spot pattern suggesting a tilt of the hard
segment crystalline stems with respect to the crystal basal plane normal (Figure 2¢). Although
the FF azimuthal position remains constant beyond the yield point during stretching, the
calculated chain tilt values from the four-spot SAXS signal differ for various samples (Figure 9).
We concluded therefore that these angles represent the inherent feature of the bisoxalamide
crystals. The alignment of the PTHF chains, which bridge the bisoxalamide segments, induces all
hard block crystals to become inclined with respect to the drawing axis at a fixed angle @, (see
Figure 3c). The chain tilt values for all the PEEAs studied are summarized in Table 3. In the
present research, the chain tilts @, depend on the hard segment present and are relatively small
(~5-16°) for the case of glycine end-group, whilst they increases to 24° for segments with alanine
and propyl end—groups (Table 3). The formation of a tilted morphology for the urethane-based
elastomers has been previously reported by Bonart'® and Hsiao'® and was explained in terms of
the high aspect ratio of hard-block crystals. However, no correlation between the chain tilt and
the packing of the bisoxalamide stem in hard segment crystals was observed or reported until
now. From our work it can be concluded that chain tilts for bisoxalamide crystals depend on the
nature of the hard-segments.

The occurrence of a chain tilt is accounted for by the necessity to accommodate the chain folds

on the disordered fold surfaces. For PE crystals of orthorhombic symmetry the chain tilt of 35° is
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likely to be dictated by a large difference (~16.5%) between densities of amorphous and
crystalline phases.”>>> This is also supported by the fact that some (unfolded) paraffins exhibit
the same orthorhombic structure but do not have a chain tilt*® In contrast to PE, the
orthorhombic crystals of polyhydroxybutyrate (PHB) characterized by a density difference with
the melt state of only 7% are known to crystallize without chain tilt.’” The preservation of chain
tilt upon drawing is well established.'® Also in recent simulations of deformation of polyethylene
Rutledge er al.*® showed that the chain tilt in the lamella crystals can remain constant during
deformation. To the best of our knowledge chain tilt has not been reported for non-lamellar

crystals in the segmented block copolymers.
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Figure 9. In-situ SAXS-stretching experiments of PEEAs. Azimuthal intensity profiles are

calculated for samples 2900Gly6 (a) and 1000Ala6 (b) in the s-range between 0.045 and 0.090.
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Surface energy of the bisoxalamide crystals.

In our study, we were interested also in the thermodynamics of the high-aspect-ratio

OO NOOT~WN —

10 bisoxalamide crystals. The melting enthalpy per mole of the bisoxalamide crystals, AH, derived
13 from the DSC data (not shown), are given in Figure 10a as a function of the spacer length p. The
15 enthalpy for the bisoxalamide based crystals with the glycine end group (1000Gly2, 1000Gly4
and 1000Gly6) does not depend on the spacer length, whereas for the propyl end-group
20 (11000xa6) and the alanine end-group (1000Ala6) the enthalpy varies with the spacer length as
22 much as 30%. That proves that the nature of the segment end-group plays a significant role in

stability of crystals.
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2 3 4 5 6 0 002 0.04 0.06
4 g1
39 p L ,A

42 Figure 10. The melting enthalpy per mole of the hard-segment crystals vs. spacer length p (a).
A4 Gibbs-Thomson plot showing the melting temperature vs. reciprocal crystal size (b). All
copolymers have a short PTHF segment length of 1000 g'mol” (polymers 1000Gly2(o),

49 1000Gly4(0), 1000Gly6(m) and 1000Ala6(e)) or 1100 g-mol'1 (polymer 11000xa6(A)).

54 To calculate the surface energy of the hard-block crystals we used the Gibbs-Thomson

equation. It correlates the melting point depression with the crystal thickness as follows:
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T :T(’[l—i2 < J
o pL AH
o 3)

Since the exact equilibrium melting temperatures of the compounds is unknown, we have used
instead the melting temperature of the corresponding monomers, which form macroscopically
thick crystals.”**’ The melting temperatures of the hard-segment crystals are only 20 °C lower
than those of the corresponding monomers. When plotted in the Gibbs-Thomson coordinates,
essentially the same slope is observed for copolymers with similar PTHF lengths (Figure 10b).
The estimated surface energy o is 18 erg/cm’, which is relatively low compared to that of
conventional homopolymers.***! Moreover since our crystals are needle-like.* this can make the
efficient energy values even lower. Similar surface energy values were reported previously for
nylon 6,6 and were accounted for by a different crystallization mechanism similar to that
observed in non-polymeric materials.** In the case of PEEA copolymers reported here, such a
low value is likely due to the entropic contribution of the soft segments forming tie chains

bridging the neighbouring crystals.

CONCLUSIONS

We have applied in-situ SAXS/WAXS measurements, electron diffraction, Nanocalorimetry
and optical microscopy to study segmented poly(ether ester amide)s and found that crystal size
depends solely on the primary chemical sequence. We showed that the thickness of the hard-
segment crystals is highly monodisperse and independent of the sample thermal history. The
uniform hard segments show similar crystallization behaviour to that of the corresponding
bisoxalamide based monomer that crystallize extremely rapidly i.e. at the cooling rate above
12000 °C-s™. The unit cell of the monomer consisting of a bisoxalamide array with a spacer

length of six methylene units and capped with glycine end groups was found to be monoclinic
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with parameters @ = 5.09 A, b = 10.88 A, ¢ = 27.73 A and B=79.6°. The crystalline reflections
from the hard-segment crystals of copolymer were indexed using the corresponding monomer
unit cell. The latter approach allowed direct measurement of crystal orientation and phase
transitions of the hard-segment crystals using simultaneous time-resolved X-ray scattering and
mechanical stretching experiments. We also discovered that elastomers, which have a soft-block
length of 2000 g'mol™, crystallize upon stretching at ambient temperature. Stress-induced
crystallization results in a 60 °C increase of melting temperature of PTHF crystals compared to
the isotropic copolymers. Two main morphologies were observed during stretching of segmented
PEEA copolymers. At low strains the polymer chains of fibril-like crystals were oriented
perpendicular to the flow direction due to the crystals' high aspect ratio, whereas higher strains
caused bisoxalamide crystal fragmentation and changed the preferential stem direction to the one
parallel to the drawing direction. The chain tilt in the bisoxalamide crystals was deduced based
on the characteristic four-spot SAXS patterns. We found that it remained constant even at high
deformations. The tilting angle of the bisoxalamide unit with respect to the normal of the crystal
basal plane is relatively small (i.e. between 5° and 16°) in the case of glycine end group and
increases to 24° for alanine and propyl segment. The free energy of the bisoxalamide crystal
surface was found to be extremely low (~18 erg/cm?), which is likely due to the entropic
contribution of the tie PTHF chains bridging neighbouring crystals. Detailed structural
information, knowledge about structure formation and thermodynamics of the novel polymer
materials will help to efficiently exploit them in various fields of hi-tech and medical

applications.
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Supporting Information. Measured and calculated d-spacing values obtained from X-ray
diffraction on Gly-Oxa;6-Gly monomer and oriented PTHF crystals of 2900Gly6, optical
microscopy images of the particles of Gly-Oxa,2-Gly monomer and polymer 1000Gly2 on the
chip active area and Nanocalorimetric cooling profiles. This material is available free of charge

via the Internet at http://pubs.acs.org.
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